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1. Introduction

ABSTRACT

Intermetallic y-TiAl based alloys of the TNM™ alloy family attain their excellent processing character-
istics by a high B-phase content present at hot-working temperatures. Subsequent to hot-working the
B-phase content is decreased by a heat treatment step performed at temperatures where the B-phase
fraction exhibits a minimum. In this study, in- and ex-situ experiments were conducted on three alloys
with different contents of B/Bo stabilizing elements. The course of phase fractions as a function of
temperature as well as phase transition temperatures were determined by means of in-situ high-energy
X-ray diffraction experiments. Additionally, dynamic scanning calorimetry investigations were per-
formed to obtain complementary data on the transition temperatures. Quantitative metallography was
conducted on heat treated and quenched specimens to acquire additional information on the depen-
dence of the phase fractions on temperature. By neutron diffraction experiments the ordering temper-
atures of the constituent phases were determined. It was shown that the experiments yielded consistent
results which differ significantly from ThermoCalc simulations for which a commercial TiAl database was
used. The differences between the experimental results and the thermodynamic predictions are
discussed.

© 2010 Elsevier Ltd. All rights reserved.

So-called TNM™ alloys are among the most promising candi-
dates to meet this requirement. This name is derived from Nb and

Intermetallic y-TiAl based alloys are believed to have great
potential in high temperature applications, mainly due to their high
specific tensile and creep strength at elevated temperatures [1-3].
One of the reasons why this material class has not found wide-
spread application yet are the difficulties associated with its
processing [4]. Conventional high Nb bearing y-TiAl alloys, which
show only a small volume fraction of B-phase at hot-working
temperature [5], can only be forged under isothermal conditions,
which is not economically feasible for most applications [6].
Therefore, the development of alloys that can be processed by near
conventional forging operations is an important step towards the
mass production of TiAl parts.

* Corresponding author. Tel.: +43 3842 4024267; fax: +43 3842 4024202.
E-mail address: thomas.schmoelzer@unileoben.ac.at (T. Schmoelzer).
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Mo which are the decisive alloying elements. The overall compo-
sition of these alloys is in the range of Ti — (42—45) Al — (3—5) Nb —
(0.1-2) Mo — (0.1-0.2) B (in at%) [4]. It has been proven that good
processing characteristics are achieved by high B-phase contents at
hot-working temperatures [4,6,7]. The presence of the disordered
bce B-phase is beneficial to the deformation behaviour because
dislocation motion as well as dynamic recrystallization is easily
facilitated in this phase [8—10]. At service temperature
(600—750 °C) the B-phase shows an ordered B2-structure, which is
termed By in the following. To avoid the adverse effect of high
Bo-phase contents on creep behaviour and room-temperature
ductility [11—13], efforts were made to design alloys in a way that
allows to minimize the remaining Bo-phase fraction by special two-
step heat treatments after forging [4,7,14].

One requirement for the realization of this approach is the
existence of low equilibrium B/Bo-phase fractions at temperatures
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high enough to attain equilibrium conditions rather rapidly. The
first step of the heat treatment is performed to reduce the B/Bg-
phase fraction to the desired level. After the second heat treatment
step, which is conducted well below the eutectoid temperature, the
microstructure consists of three prominent phases: (a) y-TiAl
exhibiting an ordered tetragonal L1lg-structure, (b) oy-TizAl
showing a D09 structure which disorders at the eutectoid
temperature to an unordered hcp-structure and (c) the Pg-phase
with B2 structure which disorders at elevated temperatures to bcc
B-phase. For details concerning the alloy design strategy, hot
working behaviour, heat treatments, and mechanical properties the
reader is referred to [4,7,12,15,16].

To design an alloy that exhibits the above described behaviour,
thermodynamic calculations were performed for alloys containing
different amounts of the B/Bp-stabilizing elements Mo and Nb [4].
This study was conducted by employing the CALPHAD (CALculation
of PHAse Diagrams) method, using a commercially available data-
base [17]. The results of this investigation are summarized in Fig. 1.
Clemens et al. [12] demonstrated that all alloy variants solidify via
the B-phase. From comparison of the evolution of phase fractions in
the alloys termed A, B, and C it is obvious that Mo is a stronger /Bo
stabilizer than Nb, which is in agreement with the results of other
studies [18,19].

Furthermore, for all three alloys the thermodynamic calcula-
tions show a local minimum of the Bg-phase mole fraction at
around 1275 °C. Above this temperature the fraction of fp-phase
strongly increases with temperature. However, at the temperature
where the minimum in Bp-phase appears, Ti-43.5A1-4Nb-1Mo-0.1B
(Alloy A) shows the smallest fraction of fg-phase. By increasing the
amount of Nb or Mo by 1 at% or 0.5 at%, respectively, the mole
fraction of the Bg-phase in its minimum is considerably increased.
Below 1275 °C the Pp-fraction slightly increases with decreasing
temperature (Fig. 1a; alloy A) or shows an approximately constant
value (Fig. 1b and c; alloys B and C). At temperatures lower than the
eutectoid temperature (~ 1115 °C) the Bo-phase fraction decreases
with decreasing temperature for all three alloys. From the phase
predictions displayed in Fig. 1 it is obvious that none of the three
alloys exhibit a single phase region at temperatures below 1400 °C.

Since the thermodynamic database [17] used for the Thermo-
Calc calculations is not well suited for describing the behaviour of
highly alloyed TiAl-systems [5,20,21], doubt has been cast on
the reliability of the results obtained by the thermodynamic

a Alloy A b

Alloy B c

simulations shown in Fig. 1. Furthermore, the simulation predicted
that the ordered Bp-phase is stable up to temperatures as high as
1420 °C [16]. In contrast to that, non-isothermal hot-forging tests
conducted on industrial-scale equipment showed that alloys with
comparable composition exhibit good deformation behaviour at
temperatures well below 1400 °C [4,7]. Since ordered By shows
higher deformation resistance than disordered f, the validity of the
predicted ordering temperature was questioned [22,23].

In the light of these findings, it has been established that ther-
modynamic predictions as shown in Fig. 1 yield trends rather than
accurate values of the phase fractions and transition temperatures
[16,21]. Although the calculations are performed for equilibrium
conditions, recent investigations indicate that the results of ther-
modynamic calculations reflect the materials behaviour observed
in short-time annealing experiments [21]. Evidence for this asser-
tion was obtained from differential scanning calorimetry (DSC)
investigations and long-term annealing experiments which have
revealed the existence of an a-single-phase field that was not
predicted by the ThermoCalc simulations shown in Fig. 1 and was
not observed at moderate annealing times. However, under-
standing the phase equilibria and transition temperatures of the
investigated alloy system is a prerequisite for performing hot-
working operations and for defining appropriate heat treatment
parameters.

A thorough knowledge of the constituent phase fractions and
their dependence on temperature and time are, therefore, crucial
for the present and further development of the investigated alloys.
In this study, a number of complementary experiments were
conducted to investigate how accurate the predictions of the
thermodynamic calculations shown in Fig. 1 are. The dependence of
the phase fractions on temperature was determined by means of
in- and ex-situ methods. During continuous heating the evolution
of phase fractions was monitored by in-situ high energy synchro-
tron X-ray diffraction (HEXRD). Applications and techniques
concerning HEXRD experiments can be found in [24—27]. DSC
experiments were carried out to verify the transformation
temperatures obtained by HEXRD. Additionally, annealing experi-
ments at elevated temperatures followed by rapid air cooling were
conducted to analyse the phase fractions by a metallographic
approach. Finally, the ordering temperatures of the constituting
phases were determined by means of in-situ neutron diffraction
experiments.
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Fig. 1. Calculated phase fractions as a function of temperature for three alloys, termed A, B, and C, exhibiting different amounts of /By stabilizing alloying elements and 450 mass
ppm O. The simulations were performed with the ThermoCalc software using a commercially available TiAl database [17]. The plotted temperature range corresponds to the range
investigated by in- and ex-situ methods. T, and T, denote the eutectoid and the a-transus temperature, respectively. At T, the o — o disordering reaction takes place, whereas at
T, the ordered y-phase disappears. It should be noted, that for all three alloys the predicted disordering temperature of the Bo-phase is above 1400 °C.
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2. Material and experimental

In the present study, three different alloys were investigated
which are termed A (Ti-43.5A1-4Nb-1Mo-0.1B), B (Ti-43.5A1-5Nb-
1Mo-0.1B) and C (Ti-43.5Al-4Nb-1.5Mo-0.1B). Note that all chem-
ical compositions are stated in atomic percent unless otherwise
indicated. All three alloys exhibit an Al content of 43.5 at%, but
different concentrations of the B/Bo stabilizing elements Nb and
Mo. Buttons with a mass of 150 g were melted in a laboratory
arc-melting furnace on a water-cooled copper plate under Ar
atmosphere. As starting materials, high-purity metals and Mo—Al,
Al-B and Nb—Ti—Al master alloys were used [28]. Sufficient
chemical homogeneity was ensured by re-melting the buttons
twice. The nominal chemical composition of the alloys and the
results of the chemical analyses are summarized in Table 1. For all
alloys, the total amount of interstitial impurities (O, N, C, H) was
smaller than 1000 wt.-ppm.

The microstructure of the three variants after solidification and
after subsequent heat treatments was characterized by means of
a Zeiss Evo 50 scanning electron microscope (SEM). All images were
acquired in back-scattered electron (BSE) mode at an acceleration
voltage of 20 kV. Details concerning the metallographic sample
preparation are given in [29]. To be able to determine the B/Bo-
phase content present at different temperatures, samples of the
three alloys with dimensions of 10 x 10 x 10 mm> were heat-
treated at 900 °C and 1000 °C for 6 h and at 1170, 1270 and 1350 °C
for 1 h. Subsequently, the specimens were air-cooled, and metal-
lographically examined. Image analysis with respect to the B/Bo-
phase content was performed with the commercially available
software package Analysis by Olympus Soft Imaging Solutions
(Miinster, Germany).

DSC experiments were conducted to investigate the eutectoid
temperature (Tey, o2 — @) and the a-transus temperature (T,
v dissolves). Both temperatures were determined for heating rates
of 20 and 40 K/min and then linearly extrapolated to a heating rate
of 0 K/min in order to obtain phase transition temperatures for
equilibrium conditions [5]. All experiments were carried out in
a dynamic Ar atmosphere with a flow rate of 50 ml/min. To account
for the influence of the alumina crucibles DSC curves of the empty
crucibles were subtracted from the experimentally obtained curves.
The experiments were performed with a Setaram Setsys Evolution
24 instrument on specimens with a mass of approximately 40 mg.

In the in-situ HEXRD experiments the phase fractions were
determined during continuous heating in an induction furnace.
Details on the construction and the performance of the furnace are
given in [30]. All specimens were cylinders with a diameter of
4 mm and a length of approximately 10 mm. During the experi-
ments the furnace was flushed with Ar to reduce sample oxidation,
the temperature was controlled by two pyrometers. A low
temperature pyrometer was used below 650 °C, while a spectro-
pyrometer with an accuracy of 0.75% was utilized for controlling
the high temperature range. The specimen was rotated about its
vertical axis alternating between +180° and —180° in order to
improve grain statistics. Due to technical limitations it was not

Table 1

Nominal and experimentally determined composition of the alloys A, B, and C. The
results of X-ray fluorescence spectroscopy are given in parenthesis. All values in
atomic percent.

Alloy A Alloy B Alloy C
Ti 51.4 (51.77) 51.4 (50.54) 51.4 (51.04)
Al 435 (43.27) 43,5 (43.38) 43.5 (43.37)
Nb 4(3.84) 5(4.93) 4(3.97)
Mo 1(1.01) 1(1.01) 1.5(1.51)
B 0.1(0.11) 0.1 (0.11) 0.1 (0.12)

possible to use a thermocouple for monitoring and validating the
pyrometer reading.

All HEXRD experiments were performed at ID15B of the Euro-
pean Synchrotron Radiation Facility (ESRF) in Grenoble, France
[16,25,31]. To cover the desired range of the scattering vector q
a monochromatic beam with a mean energy of 86.78 keV and an
energy resolution of AE/E = 10> was used. This energy evaluates to
a wavelength 1 of 0.1430 A and a wave number k of 43.94 A~1. The
cross-section of the primary beam at the sample position was
adjusted to 0.1 x0.1 mm?. During the experiments, the samples
were heated to 1100 °C with a rate of 300 K/min, after that a 2 K/
min temperature ramp was adjusted up to 1400 °C. This heating
rate is a compromise between limited beam-time and insufficient
counting statistics due to grain growth effects on one hand and the
need to use low heating rates in order to attain phase fractions close
to equilibrium conditions on the other hand.

For detecting the diffracted photons, a Thales Pixium 4700
(Thales Group, Neuilly-sur-Seine, France) area detector was used
[32]. It features a resolution of 2640 x 1920 pixels which are
154 x 154 pm? in size. To avoid overexposure of the detector while
maintaining sufficient counting statistics, 12 detector images — each
of 1 s exposure time — were averaged. Thus a single diffraction image
with a cumulative exposure time of 12 s was generated. For data
reduction and as a preliminary step for Rietveld analysis, the images
were azimuthally averaged, corrected for background scattering and
re-binned to a 20 scale. This task was performed with the software
FIT2D which is described in detail in [33]. The phase fractions present
at different temperatures were determined with the commercial
software package Topas (Brucker AXS, Madison, WI, USA) which
allows diffraction patterns to be analysed using the Rietveld method.

In-situ neutron diffraction experiments were performed to
determine the temperature of the g — B disordering reaction.
Continuous data acquisition during heating was performed using
the high intensity diffractometer WOMBAT installed at the OPAL
reactor of the Australian Nuclear Science and Technology Organi-
sation (Australia) [34].

At the two-axes powder diffractometer WOMBAT, a Ge 115
monochromator at 100° takeoff angle was used to obtain neutrons
with a mean wavelength of A = 1.67 A, which corresponds to a wave
number of k = 3.77 A~1. The instrument hosts a genuine, cylindrical
2D position sensitive detector of 968 x 128 pixels? covering 120° in
the scattering plane and approximately +7.82° out of plane [33,34].
Since no detector scanning is needed, time frames only depend on
the counting statistics and here a counting time of 18.2 s per frame
has been chosen. For the following data evaluation, the recorded
parts of the Debye—Scherrer rings were azimuthally integrated in
order to obtain conventional powder diffraction patterns covering
a g-range from 1 to 7 A",

Heating of the specimens was performed in an high-temperature
vacuum furnace produced by AS-Scientific (Abingdon, Oxford-
shire, U.K.) equipped with Nb heating filaments. The oscillating,
radial collimator of WOMBAT was used to discriminate diffraction
not coming from the sample position, e.g. radiation scattered by
the furnace heating elements and walls [23]. From the end of the
top-loading sample stick the @ 10 mm x 50 mm sample was sus-
pended and the temperature was measured ~15 mm from one of
its ends. In the specimen chamber a pressure of less than
1.34 x 10~% mbar was attained. Two samples have been subjected
to the same heating cycle to ensure the reproducibility of the
results.

3. X-ray and neutron diffraction

Despite the fact that HEXRD and neutron diffraction experi-
ments are based on the same principle they exhibit some
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pronounced differences. These stem in part from the limitations
that are imposed by the corresponding radiation sources in terms of
brilliance and beam size, but also from the different interactions of
neutrons and photons with matter. As a first analysis step, the
diffraction patterns were calibrated and the scattering angles in 20
were converted to positions in reciprocal space which are denoted
by the scattering vector q. The length of the scattering vector q is
given by

q = |al = (2Kk)sin(®) = (4m/2)sin(6) (1)

and is also referred to as ‘momentum transfer’.

Neutrons and X-rays have different scattering contrasts, which
are described by their scattering lengths b. and re-f{q), respec-
tively. Here b. denotes the bound coherent neutron scattering
length, which is strongly dependent on the kinds of nuclear
isotopes present [35,36], re is the classical electron radius and f{q)
the so called atomic X-ray form factor which scales with the
number of electrons in an atom at ¢=0 and decreases asymp-
totically to 0 with increasing q values, depending on the electronic
charge distribution around the nucleus. In the case of titanium
aluminides, HEXRD and neutron diffraction are complementary
methods. For X-rays, Ti and Al, with atomic numbers 22 and 13
respectively, both exhibit positive scattering lengths ((re-f)al
=3.664 fm, (re-f)ri = 6.207 fm). On the other hand for neutrons, Ti
and Al have scattering lengths, b, that are of almost the same
absolute value but have opposite signs: beai=3.449 fm,
beri = —3.370 fm [35].

For a random solid solution, such as the atomically disordered
Ti—Al phases, a virtual atom with its scattering length equal to the
weighted average of the scattering lengths of the constituents is
used when calculating structure factors (F, see below). While for
X-rays the weighted average scattering length is a large positive
number, it is close to zero for neutrons:

betial = beti+beal = —3.370fm +3.449 fm = 0.079fm.  (2)

For any crystal, the intensity determining structure factors are the
sum of the atomic scattering lengths weighted by an individual
phase factor given by the position of the corresponding atom in the
unit cell. If the unit cell contains several atoms, the individual
atomic scattering lengths directly add up for the main reflections
because in this case the phase factors are close to one. This yields
high structure factors for X-ray diffraction and small ones for
neutron diffraction. For some reflections, the phase factors attain
values that are equal but of opposite sign due to the symmetry of
the unit cell. For atomically disordered crystals, this results in
reflections with zero intensity, e.g. for the 100 reflection of the
disordered B-phase b¢1=bc> and thus F=(bc1—bc2)=0. In
contrast to that, for an ordered crystal these so-called superstruc-
ture peaks might attain finite intensities, since for Bp—100,

bci # b the structure factor attains large absolute values for
neutrons:

F = bep —beri = 3449 fm — (—3.370fm) — 6.819fm.  (3)

If performed for X-rays, this calculation yields rather small
structure factors. Thus, for disordered phases present in the
Ti—Al system, X-rays produce strong main reflections, whereas
almost no intensity is observed in neutron diffraction. In case of
ordered phases, weak superstructure reflections appear in addi-
tion to the main reflections for X-ray diffraction, while only the
strong superstructure reflections are visible for neutrons. Due to
this characteristic behaviour, neutron diffraction is an ideal
method for investigating order/disorder transitions in the Ti—Al
system [23]. Alloying elements such as Nb (b¢np =7.054 fm) and
Mo (b¢mo=16.715 fm) [35] exhibit large scattering lengths and
may therefore alter this behaviour. The sensitivity to order in
neutron scattering experiments remains high nonetheless. On
the contrary, HEXRD experiments are better suited for deter-
mining the overall phase fractions.

Quantitative evaluation of the scattering patterns acquired by
HEXRD experiments was carried out by means of the Rietveld
method, which allows a whole-pattern fit to be performed and
thereby uses all the information contained in the diffraction
patterns [37].

4. Results

Fig. 2 shows SEM micrographs taken in BSE mode from the arc-
melted alloy buttons. The microstructure consists of lamellar y/a;-
colonies which are separated by the brightly appearing po-phase.
The microstructural features clearly indicate that solidification
proceeded via the B-phase, ie. L—L+p — B — ..., followed by
a multitude of solid-state transformations and reactions as
described in [4]. Due to the high cooling rate the y/o;-lamellae
cannot be resolved at the magnification used. The microstructure is
fine grained with an average size of the lamellar colonies in
the order of 30—60 pm and does not seem to depend on the level of
B/Bo-stabilization.

A close look at the morphology of the Bp-phase evidences the
presence of lens-shaped y-phase grains, which are the product of
a B/Bo — v solid-state transformation bringing the phase fractions
closer to equilibrium. While the phase arrangement and grain size
of the three investigated alloys are comparable, Fig. 2 reveals that
the Bo-phase fraction depends on the content of Nb and Mo.
Whereas alloy A (Ti-43.5A1-4Nb-1Mo-0.1B) shows the lowest
volume fraction of Bp-phase (Fig. 2a), alloy C (Ti-43.5A1-4Nb-1.5Mo-
0.1B) exhibits the highest amount (Fig. 2c). The Bo-phase fraction of
alloy B (Ti-43.5A1-5Nb-1Mo-0.1B) lies between alloys A and C
(Fig. 2b). It should be noted that the experimentally observed trend
is also predicted by the ThermoCalc simulations shown in Fig. 1.

Fig. 2. Microstructure of the arc-melted alloy buttons: a) Ti-43.5Al-4Nb-1Mo-0.1B (alloy A), b) Ti-43.5Al-5Nb-1Mo-0.1B (alloy B) and c) Ti-43.5A1-4Nb-1.5Mo0-0.1B (alloy C). SEM
images were taken in BSE mode, i.e. lamellar y/a,-colonies appear grey, y-grains dark and By exhibits the brightest contrast.
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A classic ex-situ approach was used to study the phases pre-
vailing at different temperatures: samples of all three alloys were
annealed in the temperature range from 900 to 1350 °C. After
a certain annealing time, the samples were air-cooled which
occurred with cooling rates sufficiently high for preserving the high
temperature microstructure [14]. Fig. 3a—c shows the microstruc-
ture of alloy A after annealing for 1h at 1170 °C, 1270°C and
1350 °C, respectively. The microstructure of the sample annealed at
1170 °C is an assembly of lamellar y/a,-colonies with an average
grain size below 40 pm and a mixture of y and Bg-grains essentially
situated at colony boundaries (Fig. 3a). According to Fig. 1a the
annealing treatment at 1170 °C was conducted in the (o + B +v)
phase region.

Fig. 3b shows the microstructure after annealing at 1270 °C for
1 h and subsequent air-cooling. The temperature was selected to be
slightly above T, of the alloy which is close to the B-phase
minimum (Fig. 1a). As expected, the y-phase disappeared and the
microstructure at room temperature consists of oy and Bg-grains.

Increasing the annealing temperature to 1350 °C leads to higher
B/Bo-phase fractions (Fig. 3¢) which is consistent with the predic-
tions of the thermodynamical calculations (Fig. 1a). The micrograph
obtained at room-temperature evidences the presence of fine-
scaled o, needles within the g grains. It is presumed that those
precipitated during air-cooling. Quantitative analyses of the phase
fractions have revealed that the sample annealed at 1270 °C shows
the lowest PB/Bo-phase content. The B/fp volume fraction of
the sample heat treated at 1170 °C is slightly higher, whereas the
material annealed at 1350°C exhibits the highest fraction
(see below for the specific results for all alloys).

DSC measurements were conducted on the three alloys to
determine both Ty and T,. As described in section 2, two heating
rates have been used and the results were linearly extrapolated to
0 K/min in order to achieve equilibrium values for T, and T, [5].
The results of the DSC experiments are summarized in Table 2.

The results obtained from HEXRD experiments, conducted on
alloy A, B, and C, are summarized in Fig. 4. Here, the phase fractions
of afay, B/Bo and vy are displayed as a function of temperature.
During the continuous heating experiments, the temperature was
controlled by means of a high temperature pyrometer. However,
the comparison of the eutectoid temperatures derived from HEXRD
experiments with those obtained from DSC (Table 2) revealed that
the temperature indicated by the pyrometer was erroneous.

This is attributed to the formation of an oxide layer on the
sample surface during the diffraction experiments. Previous DSC
and neutron diffraction studies [23] have shown that T, hardly
depends on the heating rate [5,12,23]. Therefore, Tey was chosen as
a reference point for correcting the temperature obtained during
the HEXRD experiments. This was achieved by calculating the

difference between T, determined by DSC and Te, gained from
diffraction data first. In the next step, all temperature values
recorded during the HEXRD experiment were corrected by this
offset. For determining T, from diffraction data, the intensity of an
oy superstructure peak was plotted as a function of temperature.
Vanishing of the intensity indicates the loss of order and, therefore,
marks Tey.

In Fig. 4 the eutectoid temperature is indicated by a local
maximum in the /Bo phase fraction and by a sudden change in the
slope of the a¢/ay and y phase fraction curves. A minimum in B/Bo
phase fraction occurs at the o-transus temperature. Accordingly, at
this temperature the y-phase vanishes. For all investigated alloys,
the o-transus temperatures evaluated by HEXRD are given in
Table 2.

Fig. 5 shows the course of the B/Bo-phase fraction as a function
of temperature for the three investigated alloys in greater detail.
Error bars of the in-situ HEXRD experiments represent the standard
deviation of different Rietveld-fits. For all three alloys a minimum
in B/Bo phase fraction in the range from 1250 °C to 1300 °C can be
observed which is in accordance with the results from the ther-
modynamic calculations shown in Fig. 1. At all temperatures alloy A
exhibits the lowest B/Bo-phase content followed by alloy B, and as
expected, alloy C shows the highest /Bp-phase fractions. The solid
symbols indicate the results obtained from quantitative metallog-
raphy conducted on heat treated and air cooled samples as shown
in Fig. 3.

The time evolution of the neutron diffraction patterns obtained
during a continuous in-situ temperature ramp on WOMBAT are
shown in Fig. 6. It can be seen that reflections of the ordered phases
a2, Po, and v disappear upon heating. At T, o disorders to a, Tp
marks the loss of order in the Bo-phase and at T, the y-phase
disappears. Although it is evident from Figs. 4 and 5 that crystalline
o, and B-phase is still present above T,, no Bragg reflections are
observed due to the peculiar average of the neutron scattering
lengths for this material (see section 3). Instead, some diffuse
scattering persists peaking at the positions of the superstructure
reflections.

For alloy A the experimentally determined intensity values of
superstructure peaks are plotted versus temperature in Fig. 7. The
plotted intensities were gained from integration of a Gaussian fitted
to the corresponding reflection-peak at a certain temperature. All
integrated intensities given are background corrected. At a heating
rate of 10 K/min, the reflections vanish at 1174 °C (Tey), 1225 °C (Tp)
and 1286 °C (T,) for ay, Bo, v, respectively (Table 3). After the phase
transformation, the peak intensity is close to zero and the algo-
rithm is no longer able to perform the fit. Therefore no intensity
values are given after the phase transformation has occurred.
A comparison of T, obtained by different experimental techniques

Fig. 3. Microstructure of alloy A (Ti-43.5A1-4Nb-1Mo-0.1B) after annealing at different temperatures for 1 h and subsequent air cooling: a) 1170 °C, annealing conducted in the
(o4 B + v) phase field region; b) 1270 °C, annealing conducted in the (o + ) phase field region, close to the minimum of the B-phase (see Fig. 1a); ¢) 1350 °C, annealing conducted in

the (a + B) phase field region.



T. Schmoelzer et al. / Intermetallics 18 (2010) 1544—1552 1549

Table 2

Transformation temperatures T, and T, as determined from DSC and HEXRD experiments. Since T, was used as reference point for the temperature correction in the HEXRD
experiments, the corresponding values were omitted. HEXRD experiments were conducted with a heating rate of 2 K/min. Error bars were evaluated based on the accuracy of
the measured temperature and the repeatability of different analysis attempts, whereas the error of the HEXRD measurement was estimated from the accuracy of the

pyrometer.
Alloy A Alloy B Alloy C
Ti-43.5A1-4Nb-1Mo-0.1B Ti-43.5A1-5Nb-1Mo-0.1B Ti-43.5A1-4Nb-1.5Mo-0.1B
DSC HEXRD DSC HEXRD DSC HEXRD
Teu [°C] 1173 +5 - 1180+5 = 1187 +5 =
T, [°C] 1247 £5 1267 £9.5 1254 +5 1262 +95 1246 +5 1277 £9.6

shows that the results differ significantly. The reason for this
behaviour is that disordering reactions as well as phase transitions
require some time to occur while the temperature is constantly
increased during continuous heating. Hence, the magnitude of the
shift between a transition temperature determined under equilib-
rium conditions and one that was obtained on heating is a function
of the heating rate as well as the kinetics of the phase transition as
explained in the next section.

5. Discussion

The main task of this investigation is to evaluate the accuracy of
the thermodynamic predictions shown in Fig. 1 [38]. From the DSC
results (Table 2) it is evident that T, of the three investigated alloys
is significantly higher than the ThermoCalc predictions (Fig. 1). This
result is in accordance with the observations reported in [21].
A similar result was found for Ti-45A1-(5-10)Nb alloys published in
[5]. The conclusion drawn from these results is that Nb and Mo act
not only as B/Po-stabilizing alloying additions, but also stabilize the
ordered ay-phase. Increasing values for Te, (Table 2) as well as
increasing B/Bo-phase fractions (Fig. 5) from alloy A to alloy C
support this assumption. In principle, the eutectoid temperature
can be determined by DSC, HEXRD and neutron diffraction exper-
iments. Since the temperature measurement with a pyrometer was
impaired during the HEXRD experiment, the eutectoid temperature
determined by DSC was used as a reference point for the correction
of the pyrometer reading. HEXRD experiments were conducted at
heating rates of 2 K/min, for neutron diffraction a heating rate of
10 K/min was employed.

By thermodynamic calculations T, was predicted to be 1260 °C
for alloy A and 1275 °C for alloys B and C. In the DSC experiments
(Table 2) slightly lower values for T, were determined, whereas the
results from HEXRD were close to the predicted values (Fig. 4). T, as
determined by neutron diffraction experiments on alloy A was
1286 °C (Table 3, Fig. 7). The observed differences can be explained
by the sensitivity of T, to the applied heating rate. In contrast to
that, Tey shows only a weak dependence on heating rate, which is

attributed to the different natures of the occurring phase trans-
formations. While at T, the a; — a disordering reaction takes place
which requires only short-range diffusional jumps, the phase
transition at T, (y — ) requires a change in crystal structure. This
necessitates a collective rearrangement of whole lattice planes by
changing their stacking sequence, accompanied by long-range
diffusion processes to homogenize the concentration between the
disappearing and prevailing phases. Therefore, this phase transition
is much slower in terms of transformation kinetics, which in turn
explains the higher sensitivity to the heating rate. The observed
large difference in rate dependencies of Ty and T, has also been
shown in [39]. As reported in [23] the same effect occurs upon
cooling with the only difference being that the temperature shift of
T, is larger.

Whereas the predicted and experimentally observed transition
temperatures deviate significantly for Ty, and moderately for T, the
experimentally determined course of phase fractions (Fig. 4) is
similar to the result of the thermodynamic calculation (Fig. 1).
Furthermore, the calculated as well as the experimentally acquired
phase fraction diagrams show that an increased content of Nb and
Mo shifts the minimum in /Bp-phase fraction to larger values. The
evolution of B/Bo-phase with temperature is important for wrought
processing and the design of heat treatments: a high B-phase
content is necessary for hot-working [4], but detrimental to the
creep strength at service temperature. From Figs. 1 and 4 it is
evident that alloy A shows the lowest minimum, thus rendering
this specific alloy composition particularly interesting for thermo-
mechanical processing and subsequent heat treatments. These heat
treatments are conducted to minimize the /Bo-phase fraction and
to adjust a microstructure that possesses balanced mechanical
properties. Usually, the heat treatment is performed in a two step
fashion, in which the first step is performed close to T, to reduce the
amount of B/Bp-phase while the second step is a stabilization
treatment conducted below 1000 °C [4,7,14].

In Fig. 5 the B/Po-phase fraction obtained by HEXRD experi-
ments is compared with data gained from ex-situ investigations. At
1170 °C the Bo-phase fractions obtained by HEXRD are slightly
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Fig. 4. Phase fractions of a/oy, B/Po and y as a function of temperature. The phase fractions were evaluated by Rietveld analysis of the corresponding HEXRD patterns. All
temperature values shown were corrected by comparison with DSC measurements. The HEXRD experiments were conducted with a heating rate of 2 K/min.
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Fig. 5. B/Po-phase fractions determined by in- and ex-situ methods. The in-situ HEXRD
results of alloys A, B and C are indicated by open squares, triangles and circles,
respectively. Filled symbols represent the results of quantitative metallography con-
ducted on specimens heat-treated for 1 h at 1170 °C, 1270 °C and 1350 °C, followed by
air cooling.

smaller than those from quantitative metallography. This can be
explained by the slow transformation behaviour of the B/Bo-phase
[21] and the shorter periods of time the material has to reach
equilibrium conditions during the HEXRD experiment. At 1270 °C
the HEXRD and ex-situ results coincide for alloy A, but not for alloys
B and C. One reason for the deviation is that the error in phase
fraction determined by quantitative metallography increases with
temperature. Especially for the microstructure obtained after
annealing at 1350 °C the determination of the Bo-phase content is
impaired by the formation of a-needles in Bp-grains which is
suspected to occur during air cooling. In addition to that the quality
of the HEXRD patterns diminishes with increasing temperature due
to grain coarsening which decreases counting statistics. Thus, it is
concluded that the observed difference between the in- and ex-situ
methods used in this study can be attributed to their limited
accuracy as well as to the slow transformation kinetics of the B/Bo-
phase.

The deviation observed between the calculated and the exper-
imentally determined phase fraction diagram can be attributed to
the insufficient thermodynamical database for alloys with high
contents of p/Po-stabilizing elements [5,17,20,21]. Additional
complications arise from the sluggish dissolution behaviour of the
Nb- and Mo-rich B/Bo-phase. This is emphasized by the fact that no
single a-phase region was found in the present investigations
although its existence has been reported for alloys with Al contents
higher than 42 at%. Clemens et al. [21] have shown that the phase
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Fig. 6. In-situ neutron diffraction patterns obtained on Ti-43.5Al-4Nb-1Mo-0.1B (alloy
A) (in at%) while undergoing a continuous heating ramp of 10 K/min. The intensity is
coded in grey scale with black corresponding to high intensities. Reflections between
q=16and 2.3 A~! were used to establish Fig. 7.

fractions occurring at a certain temperature depend strongly on the
annealing time which was attributed to the slow dissolution
kinetics of the B-phase. Under equilibrium conditions the following
solidification and transformation pathway was proposed:
LoL+B—oBoPBra—oa—at+y—a+y+Po— oa+7v+Bo
Continuous heating experiments performed with technically rele-
vant heating rates, like in our in-situ HEXRD experiments, show
a different behaviour as reflected in Figs. 4 and 5. Evidently, no
o, single phase field can be observed. Therefore, it is concluded
that a heating rate of 2 K/min is not sufficiently low to enter the
o single phase field. Consequently, for continuous cooling with
moderate to high cooling rates as well as for isothermal short-term
heat treatments the following transformation sequence is
proposed: Lo>L+B—->P—->B+a—a (+Bm)—a+y (+Bm) —
o+Y+PBo— az+7v+Po, where B, denotes the metastable
B-phase. It is interesting to note that in case of the investigated
alloys the thermodynamic calculation seems to describe a meta-
stable phase behaviour rather than a behaviour expected in ther-
modynamic equilibrium.

In-situ neutron diffraction experiments were conducted during
continuous heating on alloy A (Ti-43 Al-4 Nb-1 Mo-0.1 B) in order
to study the two occurring order-disorder reactions: ay (D0O1g) <
o (hep) and Bo (B2) < B (bec). From Figs. 6 and 7 it is evident that
the disordering of the a,-phase takes place at 1174 °C which is in
good agreement with the eutectoid temperature determined by
DSC experiments (Table 1).

Thermodynamic calculations predict that the order-disorder
reaction By < B takes place at a temperature of about 1420 °C [4],
contradicting the good workability found at considerably lower
hot-working temperatures [6,7]. Again, from Figs. 6 and 7 it is
obvious that the database used does not predict the ordering
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Fig. 7. Intensity evolution of the first three reflections of Fig. 6, normalized to their starting intensity at room temperature. Loss of order in one phase is indicated by a sharp drop in
intensity of the corresponding reflection. The intensities do not attain zero values because some background and diffuse scattering persists.
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Table 3

Order to disorder transition temperatures of alloy A (Ti-43.5Al-4Nb-1Mo-0.1B)
determined by neutron-diffraction. A heating rate of 10 K/min was adjusted in the
experiment.

Alloy A
Ti-43.5A1-4Nb-1Mo-0.1B
Teu [°C] 1174
Bo — B [°C] 1225
T, [°C] 1286

temperature correctly. The neutron diffraction experiments show
clearly that ordering occurs at about 1224 °C, which is far below the
predicted value.

6. Conclusions

Three different vy-TiAl alloy variants were investigated to
determine the influence of B/By-stabilizing elements on the pre-
vailing phase fractions and transition temperatures. Both experi-
ment and thermodynamic calculation with a commercial database
show that an increase in Mo or Nb content increases the /Bo-phase
fraction as well as the eutectoid temperature. It has been shown
that the predicted (ThermoCalc) and experimentally determined
(in-situ HEXRD) evolution of phase fractions with temperature are
in good agreement.

To prove the consistency of the HEXRD results, ex-situ experi-
ments in which the samples were examined metallographically
were carried out. From comparison with earlier work it is
concluded that the heating rate at which the in-situ HEXRD
experiments were carried out (2 K/min) is too high to obtain phase
fractions that correspond to equilibrium conditions. This is high-
lighted by the fact, that no single a-phase field region was detected
during the HEXRD experiments.

The measured phase transition temperatures deviate signifi-
cantly from the ones predicted by ThermoCalc. It is shown, that T,
exhibits a rather strong dependence on heating rate which is in
vivid contrast to the behaviour of T,,. Temperatures of the ordering
reactions were determined by in-situ neutron diffraction experi-
ments which are particularly sensitive to atomic order in the Ti-Al
system. It was thereby shown that the disordering temperature of
Bo is far below the value predicted by ThermoCalc. Upon heating
with 2 K/min, the correct sequence of disordering is oy — o at Tey,
followed by By — B before y disappears at T,,.
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